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THE PREPARATION AND TENSILE PROPERTIES OF POLYETHYLENE COMPOSITES

W. T. Mead and Roger S. Porter
Polymer Science and Enaineering Department
Materials Research Laboratory
v University of Massachusetts
Amherst, Massachusetts 01003

ABSTRACT

One polymer composites have been prepared using different morphologies of

polyethylene as matrix and as the reinforcement. Depending on annealing conditions,

the ultra-oriented fibers used as reinforcement can have higher melting points (~ 139°0)

\ than the matrix made from the same conventionally-crystallized high density polyethylene
4

& 1320C) or from low density polyethylene (~ 1100(‘.). The optimum temperature has
been assessed for bondina to occur by growth of transcrystalline regions from the melt

matrix without considerable modulus reduction of the annealed ultra-oriented and

reinforcement fiber or film. Pullout tests have been used for determining the interfacial

shear strength of these one polymer composites. The interfacial shear strenath for

the high density polyethylene films embedded in a low density polyethylene matrix is

7.5 MPa and is 17 MPa for high density polyethylene self-composites. These values are

greater than the strength for glass-reinforced resins. The strength is mainly due to

the unique epitaxial bondinag which gives oreater adhesion than the compressive and
radial stresses arising from the differential shrinkage of matrix and reinforcement.
.
The tensile modulus of composites prepared from uniaxial and continuous hich density

polyethylene films embedded in low density polyethylene obeys the simple law of mixtures

and the reinforced low density polyethylene modulus is increased by a factor of ten.
Hiagh strength cross ply high density polyethylene/low density polyethylene laminates

have also been prepared and the mechanical properties have beengtudied as the fi!m
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orientation is varied with respect to the tensile axis.
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v I. INTRODUCTION

i Great strength enhancement and resistance to fracture can be obtained when
a high strength fiber is used to reinforce a low strength polymer matrix. Ultra-
oriented and high modulus (~ 70 GPa) high density polyethylene (HDPE) fibers and
film strips have already been prepared in this laboratory by solid state extrusion in
an Instron Capillary Rheometer (1,2). The higher nylons have also been prepared in

)\. this ultra-oriented form by solid state extrusion (3). It has consequently been

i

possible to prepare composites from a single polymer by using a difference in melting ;
points between a matrix and a thermodynamically more stable, ultra-oriented, chain-
extended crystal form of the thermoplastic.
Capiati and Porter (4) showed that a very high interfacial shear strength of
17 MPa was achievable for HDPE self-reinforcement. This value is greater than the
bonding strength for glass-reinforced polyesters and is due to the unique expitaxial i
bonding rather than the radial forces from compressive shrinkage. The temperature
at which the HDPE fiber was embedded in the matrix was 139°C.
Recent work has shown (5) that the ultradrawn HDPE fibers underqo structural
. reorganization at annealing temperatures as low as 132°C, the ambient melting of the
conventionally-crystallized HDPE. However, annealing of laterally constrained fibers
below 135°C does not result in structural changes as detected by differential scanning
calorimetry. This is possibly a result of constraining the morpholoay, thus reducing
entropy changes and increasing the melting point. This distinction of applying a

: lateral constraint is crucial since fiber annealing decreased the tensile modulus from




70 GPa towards the 1 GPa observed for the unoriented HDPE. Thus the temperature
for preparing the one polymer composites is chosen to insure a high surface enerqy,
promoting matrix nucleation, epitaxial crystal growth and perfect bonding between
matrix and fiber. The embedding temperature, however, must be low enough to avoid
a significant decrease of modulus during annealing.

In the present study a low density polyethylene (LDPE) and HDPE is used as
the matrix while ultra-oriented films and fibers of HDPE are used as reinforcement.
Thus the composite modulus can be increased dramatically over that of the matrix.
The interfacial shear strength of these new composites has been studied as well as
the mechanical properties of uniaxial and continuous HDPE fibers and film strips
embedded in a HDPE and LDPE matrix. The properties of cross ply laminates have

also been considered.

Il. EXPERIMENTAL

The high modulus, high density polyethylene prepared in this and in previous

studies by solid state extrusion was duPont Alathon 7050 which has weight and number
average molecular weights of 58,000 and 18,400 (1). The material used as matrix for
the composites was the HDPE and Alathon 2820 LDPF with a Melt Index of 23 and a
density of 0.916 gm cm 3

To extrude the high modulus films and fibers, stainless steel dies were used,
with a wedae shaped die for the films and a conical die for the fibers. The entrance

width of the wedge decreased over a distance of 2.8 cm from 0.8 cm (2b) to 0.045 cm (t)




(equations using these symbols are given below), equal to the thickness of

the thin film produced by extrusion through the die. A second die was used with an
initial inset width of 0.8 cm (2b) decreasing at an angle of 16. i (91) to the extrusion
axis to a width of 0.2 cm (2c). c then decreased at an anale of 7. 1 (92) to the
extrusion axis until the width of the die inset was equal to the film thickness. The
geometry of the conical die and its draw ratio variation have been described else-
where (5,6). The dies were polished and cleaned with acetone.

The fibers and films were prepared according to the details now described
elsewhere (1,6). No lubricant was used for the extrusion. The crystallization and
extrusion temperature and pressures were 134°C and 0.23 GPa, respectively. An
Instron testing machine model TTM was used for the tensile modulus and strength
measurements. The tensile modulus was determined by the tangent to the stress strain
curve at a strain level of 0.1%. A strain gauge extensometer was used and each modulus
measurement was an average of the modulus variation of the fiber over the length of
the strain gauge, equal to 2.5 cm. The aspect ratio of the film strips was of the order
of 300 so no end correction was necessary for the modulus data (7). The tensile
strenath and modulus measurements were conducted at room temperature at strain

B ec ' end2x 10 Taec .

rates of 2 x 10
The interfacial shear strength of the composite was evaluated by a method
described by Capiati and Porter (4) except that no pressure was maintained on the
fiber/matrix system to avoid laterally constraining the fiber and thus prevent necessary
structural reorganization of the fiber surface for bonding and epitaxial growth. Further,

the fibers were annealed for twenty minutes prior to cooling the composites at ~ e

min | to room temperature. Composites were also prepared by placing the fibers or




thin films in a press (PHI, California). The temperature of the mold was 130°C, unless

otherwise stated, and was monitored with thermocouples placed into holes drilled into
the mold near the specimen. The composites were heated for 30 minutes unless otherwise
stated. Dumbbell-shaped composites were prepared with a cross-sectional area of

1.27 x 0.3 cm, and other thicknesses necessary to vary the volume fraction of fiber
content. The high modulus fibers and films of HDPE were cleaned by dippina them in :

acetone at room temperature.

1. RESULTS AND DISCUSSION

1. Mechanical Properties of Annealed HDPE Fibers

The annealing characteristics of the ultra-oriented fibers have been reported else
where (5). The reinforcing fibers on annealing (applying no lateral constraint and usina
annealing temperatures above 126°C) can themselves become composites consisting of an ultra
oriented and high melting point (~ 139°C at 10°C min ! heating rate) fiber core retaining
the properties of the original fiber, surrounded by a matrix having a melting point ~ 7°C
lower than the core. The matrix has a lower deqgree of orientation and crystallinity than the
fiber and has a morphology with possible chain-fold content and dearee of crystallinity
similar to the original HDPE used prior to the solid state extrusion. The mechanical
properties of the annealed fibers are of importance since they are composites with an
ideal morphology gradient from fiber to matrix. The problem of producing epitaxial
growth from two different clean polyethylene surfaces is thus avoided. 1

For 1aterally constrained fibers, the modes of deformation of the HDPF constrained

fibers (i.e. fibers heated in a steel tube equal to their diameter) heated for one hour at
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successive temperatures from 134 to 139° have also been evaluated. Above 135°C

the initial tangent modulus and ultimate strength of the fiber rapidly decrease as the
temperature of the fiber approaches 139°C. The extent to which the annealed fiber had
undergone structural reorganization is estimated by the parameter WF' the weight. ... ...
fraction of structurally reorganized fiber (5). WF increases approximately exponentially
with temperature. As the temperature of the constrained fiber is increased from
135°C to 139°C, WF varies from zero to unity. As WF varies from zero to unity, the
fiber modulus decreases from ~ 70 GPa to the tensile modulus of an unoriented HDPE,
1 GPa, as shown in Figure 1.

WF may also be defined in terms of the volume fraction of fiber, assumina
the matrix and fiber form separate phases of density dM and dF' respectively.

The volume fraction of fiber

The data of tensile modulus versus WF or VF is shown in Figure 1. The data of tensile
modulus versus WF for WF > 0.1 may be represented by a law of mixtures (as aiven by
Equation 9, below). The discrepancy of the modulus data from the law of mixtures for
WF < 0.1 may be due to the variation of VF with WF since dF/dM is of the order of one
and VF - WF) 2. As WF approaches zero, the assumption that two distinct phases
are formed may not be valid. The modulus of the ultradrawn fiber will also be a function

of the crystal aspect ratio as discussed in more detail elsewhere (5,8).
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.. observed after annealing the fiber at 138°C. This mode was associated with local yielding

A brittle mode of deformation was observed for fibers annealed at 135°C. The

extension to fracture was of the order of 3 - 5%, the modulus was ~ 70 GPa and the fracture

surface consisted of long "needle-like" fibrils. A cold drawing mode of deformation was

and an extension to fracture of the order of 200%. The drawn HDPE has a melting point
of 138°C at 10°C heating rate.

The radial thickness, Ar, of the structurally reorganized outer surface of the

annealed fiber (of radius r equal to 0.066 cm) may be estimated. For ease of computation,

it has been assumed that the melted fiber forms a distinct separate phase, then

1/2

Ar = r'(1—VF ) (2)

Since the time and temperature of WF have already been estimated (5), the time and
temperature dependence of the melted region may also be deduced from Equations 1 and
2. Equation 2 shows that for laterally constrained fibers heated below 135°C when WF
is zero, VF is one and Ar equals zero. Hence composites prepared by embedding
laterally constrained fibers (i.e. embedding the fibers under high pressure) in the
matrix below 135°C will have low interfacial strength arising only from the radial {4

stresses which exist across the interface and which are estimated in Section 2. |If

the thickness of the annealed fiber required to form expitaxial growth is one micron, i

then WF must be greater than 2 x 10 2 or VF must be less than 0.998. The embedding
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temperature must also be sufficiently high to produce a hiah surface energy promoting
epitaxial growth without significantly reducing the mechanical properties of the
fibers. HDPE composites having an ideal morpholoqy gradient and bonding can he

directly prepared by extrusion at temperatures hiagher than 134°C.

2. Evaluation of Interfacial Bonding

A key to understanding the tensile properties of the composites is the
elucidation of the nature of the composite components. The ultra-oriented polyethylene
fibers have heretofore been subjected to intense characterization (1,8). The thermal
properties of the fibers as they are annealed to form composites have already been
discussed (5) while the time dependence of the birefringence of the annealed fibers
will be reported elsewhere (9).

In this section a study is made to deduce the annealing temperature at which
adhesion between matrix and fiber is a maximum and where the fiber annealina and
structural reorganization is a minimum. The following experiments were therefore
conducted,

A system, as devised by Kelly and Tyson (10), was used and developed by
Capiati and Porter (4) for studying the interfacial strength of fibers and films embedded
in a matrix. The strength of the matrix-fiber interface is measured by fiber pullout
experiments at constant strain rate. The pullout stresses are measured on fibers
embedded to various lengths in the matrix. The average interfacial shear stress, t

AV’

is defined as the pullout force divided by the lateral area of the embedded fiber.




Figure 2 plots Tpy Versus T, the temperature at which the fiber was embedded

E’
into the matrix. The embedded fiber lenath was 1 cm. The draw ratio variation along
the fiber was only 25 - 30. The annealing characteristics of the fibers are draw ratio
dependent (5). The temperature range used was 1150C, i.e. from 5°C above the
melting point of the LDPE to 139°C, the meltina point of the constrained HDPE fiber.

At 1157C the pullout force is less than 0.2 MPa and there is apparently no bonding
rises.

between matrix and fiber. As the embedding temperature, T is increased,

E’ AV

The increase of TAv does not uniquely prove that there is epitaxial bonding since the
‘k bond strength could also be due, in part, to compressive forces arising from cooling

the composite from the embedding temperature T _ to room temperature, T i.e.

E R’

- A k
TAV k Aa AT (3)
I & where
E & Aa =

] Uy = @y !

3 and

AT = To-T

where k is proportional to the modulus of the matrix, Cpn and a, are the expansion

coefficients of the matrix and fiber perpendicular to the axis. ‘AV will therefore be

e T Pt P
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proportional to the embedding temperature due solely to the contractive forces. In

Figure 2 the work done in pulling out the fiber from the matrix is also evaluated.

nd) L.’ (1)

where d is the fiber diameter, LE is the fiber length embedded in the matrix.

The embedding temperature where TAV is @ maximum will depend on the lateral
constraint applied to the fiber. If the fiber is constrained, a higher embeddina temperature
will be required (~ 139°C) for high interfacial strength. Hence by constrainina the
fiber it is possible to produce a HDPE self-composite. The ultra oriented HDPE fibers
or films undergo structural reorganization above 135°C while the HDPE matrix has a
meltina point of 112°%¢. Capiati and Porter (4) obtained a value of 17 MPa for the
interfacial shear strenoth of HDPE self-composites. This may not be the maximum
obtainable value for such composites, even though the strenath is greater than for
glass reinforced fibers. The embedding temperature where AV is a maximum will
also depend on the annealing time but this may not be crucial once the outer surface of
the fiber is annealed to form a bond with the matrix.

In the reagion of 130 - 1350(‘, expitaxial bondina appears to occur as shown by
the maximum of Tay Versus T.. Bonding is expected to occur in this range since laterally

E

unconstrained fibers structurally reorganize near ~ 130°C. At 139°C the annealed fibers

necked at the fiber matrix interface during the puliout test. This explains why the strain to




fracture of the bond, shown in Figure 3, rapidly increases with embedding temperature
The strain to fracture of the bond was deduced from the stress strain curve in which
the stress rapidly decreased followed by the fiber pullina out of the matrix.

The maximum interfacial shear strength of the fiber- matrix bond was decluced
as follows. t was plotted against L

AV E’

to zerc length then gives the maximum shear strength of the interface, which is

as shown in Fiaure 4. Extrapolation of Le

7.5 MPa. This value for the bonding strength in LDPE is approximately one half

that obtained by Capiati and Porter (4) using HDPE as matrix. The contribution of
the frictional stress to the interfacial strenath is comparatively low (~ 102) for

these one polymer composites. The critical aspect ratio (L/cl)( of the HDPE/LHPE com
posites is apparently twice that of the HDPE self-composite which is 9. The critical

aspect ratio for a fiber embedded in a matrix to a length L is (11)

where o is the fracture stress of the fiber. The critical fiber length, LC, for a fiher
embedded in the matrix - countina both ends - is L_ = 0_./2t,,,.
5 c FE AV
The derivation of Equation 5 is obtained by assuming the plastic flow model
of Kelly and Tyson (10). Caution must be expressed in the use of this equation in this

text. l‘(.' is the shortest fiber in which the reinforced material fails by fiber fracture

rather than by interfacial debonding. However, the majority of deformation tests of
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the HDPE self-composites and the HDPE/LDPE composites produced interfacial debondina

rather than fiber fracture, although deformation of HDPE annealed fibers produced
fracture of the fiber core which then separated from the matrix. By definition of the
critical fiber lenath, the longest fibers capable of surviving in the deformed composite
without fracture must be less than Lc’ while fibers exceedina LC must fracture.

Capiati and Porter (4) showed the presence of trans-crystalline reaions
between fiber and matrix using optical microscopy. For HDPE/L.DPEF composites an
intercrystalline region between fiber and matrix was also observed. Further experiments
are being pursued to distinguish between the morphology produced by annealina of the

fiber surface and epitaxial growth between fiber and matrix.

3. Mechanical Properties of Uniaxial Continuous
HDPE Film Strips/LDPE Composites
The modulus variation of the extruded fibers with draw ratio, DR, as a function of
the extrusion variables will be reported elsewhere (9). Fiaure 4 plots for the first time the

modulus variation of the high modulus thin film strip versus DR. The draw ratio of the

two step or double angle entrance wedge-shaped die is, assuming constant volume deformation,

DR - — e e e e ) (6)
tan6

 tan®

[(L2 tan20 . c2 [1

) - L tanﬂzl

2




where L is the extrusion length. The DR of the film strip from the single angle wedge-

shaped die is given by Equation 6 with ﬂ? = ()2 and b =c, i.e.

2 b
BR = 172 (7)

(L% tan®0 + 6312 - L tano, |

with DR = 2b/t < 17.8, i.e. provided only HDPE in the die reservoir is extruded.

This may be simplified for L >>> b (providing 0 < 900) to

2L tan®

,, 1
DR = pe oo (8)

The modulus variation in the ultradrawn HDPE film strips is therefore propor
tional to the extrusion length. The maximum modulus of the strips is not as hiah as for
fibers. This is because the draw ratio variation of a wedge-shaped die is a linear ratio
of the entrance and die exit dimensions, unlike a cone in which the draw ratio variation
is proportional to the square of the ratio of the initial and final die inset dimensions.

At a draw ratio of 16, fracture of the thin film strips was ohserved with the fracture

planes perpendicular to the extrusion direction. Apparently, the fracture of the
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ultra-oriented HDPE is not depenclent on the absolute modulus with die geometry deter
mining both the onset of fracture of kink bands as well as the mode of fracture.
In Figure 6 the tensile modulus of the thin film strip is plotted as a function

of the extrudate lenqth. The parameter, V_, shown in Fiaure 6, refers to the volume

Fe
fraction of film. The ultra-oriented HDPE thin films were embedded in the LNDPF matrix
at several steps of VF' The modulus of the composite was again measured usina a

strain gauge extensometer along the fiber length embedded in the matrix. As VF
increases the modulus at a given fiber lenath decreases. The tensile modulus of the
composite, E, was determined using the cross-sectional area of the composite. The

bottom curve in Figure 6, i.e. VF = 0, refers to the matrix modulus. The modulus of

the composite is dominated by the fiber modulus.

Figure 6 may be replotted with either fiber length or draw ratio as the parametric

variable. In Figure 7 the full lines are drawn according to the simple rule of mixtures,

E = VElE= A= \/F) FM (9)

where F_ and E,, are the fiber and matrix modulus. Fquation 9 neglects the term

F M

VP. !:B / (VF + VB) where V  is the volume of the bond layer and the correspondina

B

FP of 7.5 MPa, the interfacial shear strenath of the bond. Fquation 9 can be rearranaed:
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E =V (B - EJ+Ey (10)

, to show that the experimental points in Figure 7 appear to agree with Equation 10.
Ficure 8 shows & plot of the tensile strencth of the continuous filin strip
composite versus VF‘ The ultimate strength of a composite containing uniaxially-alianed
\ uniform strength continuous films at a volume fraction greater than a certain critical
4

value can be described in terms of the simple rule of mixtures.

= G VF + T (1 -VF) (11)

where 0,, is the stress supported by the matrix when the reinforcement fractures and

M

0,. is the fracture stress of the thin films.

F
There appears to be some deviation of the data from Equation 11 as shown by
the full line in Figure 8. This is most probably due to the less than perfect bonding

between matrix and reinforcement. The thin film strips do not have uniform strenqgth.

4. Cross-Ply Laminates

4 The ultra oriented fibers are hiaghly anisotropic as shown by the expansion

coefficients parallel and perpendicular to the tensile axis (9). The longitudinal stiffness
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is an order of magnitude higher than the transverse stiffness. It may be expected that
the tensile modulus of a composite with increasing fiber orientation, 0, with respect to

the tensile axis, will decrease as 6 approaches 90°.

A ply is a thin sheet of material consisting of an oriented array of thin films
embedded in a continuous matrix (12). To produce a laminate two plys were bonded
together with the planar thin films at * 0 to the tensile axis.

Figure 9 shows the variation of the tensile modulus with orientation of the thin
films with respect to the tensile axis. The modulus rapidly decreases with orientation and,

when 0 is 900, the modulus of the composite, F approaches that of the LDPF matrix,

22

~ 0.2 GPa. The value of the transverse modulus of the composite, when 0 is 90”, may

also be deduced from the simple law of mixtures, i.e.

| (1 - VF) \%

ol PR i 1

and E,,~ 0.2 GPa when V. = 0.1 and Eg ~ 10 GPa. When 0 is 0Y, the modulus of the |

F F

composite is calculated using Equation 9. The longitudinal modulus should be ~ 1 GPa.
The experimental value is slightly less than this. Since a dumbbell-shaped mold was a

used, then as 0 is varied the aspect ratio of the films also varies. The elastic modulus of

unidirectional composites with anisotropic filaments has been calculated (13, 14) .
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The tensile modulus of the cross ply laminate, F ]', as a function of film

1

orientation is given by (14)

1 X cos“() o q g5 2\'12 ) 5in22” ' sinu(i
1 e o T - 3 i i
Ei1 =7 g e g F22

(13)

where E_ ! are the principal elastic mocduli of the composite and are

1 E22' 612 and v

12

the longitudinal stiffness, transverse stiffness, the longitudinal shear modulus and

the major Poissons ratio, respectively. Both F” and Vio follow the rule of mixtures

equation (15). The tensile modulus of the composite when € is zero, or the lonaitu | 8

dinal modulus, is 0.81 GPa from Figure 9. E22 is assumed to be equal to 0.15 GPa.

Both Vi2 and 012 have not been measured for the ultra-oriented filaments. It will be

assumed that v_. = 0.3 although it is possible that v, is far greater than this value

12 12

because of the high anisotropic behavior of the ultradrawn fibers. The longitudinal shear
modulus can be predicted from existing analyses (15,16). G12 for an isotropic filament

is given by G12 F”/ZU + \']2). Thus G12 = 0.31 GPa if v = 0.3 and E” = 0.81 GPa.

12

The experimental data in Figure 9 lies between the upper and lower bound dotted lines

using Equation 13 with v__ equal to 0.3 and G12 equal to 0.31 and 0.25. The tensile

12

modulus versus () has also been calculated as the aspect ratio is varied (12).
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Figure 10 shows the tensile strength of the cross ply laminates versus (,
the angle the planar thin film strips are oriented with respect to the tensile axis. The
tensile strength of the polyethylene composite was determined by the ratio of the
maximum stress sustained by the composite before catastrophic failure or film pullout
due to debonding to the cross-sectional area of the composite perpendicular to the
tensile axis. The volume fraction of film was constant and equal to 0.1.

The tensile strength measurements are markedly dependent on 6. The tensile
strength of the composites decreases by a factor of ~ 5 as 0 varies from 0 to 90 degrees .
This factor is comparable to the ratio of the tensile strength of the film parallel and
perpendicular to the tensile axis. The strength measurements will also be determined,
according to Equation 3, by the maximum interfacial shear strenath of the composite
bondina. As 6 approaches 90°, the interfacial failure occurs by fracture and
separation of the matrix and film. The tensile strength of the composite when @ is
zero degrees is determined by the law of mixtures, Equation 11. When 6 is 90 dearees,
the tensile strength of the composite will be comparable to the tensile strenath of the
LDPE matrix. Mathematical treatments that have been used for predicting moduli of
cross ply laminates can also be used for predicting their tensile strenaths (12).

A further composite which can now be evaluated, in view of the orientation
study given above, is that of a balanced and symmetrical 0/90° laminate with two
0/90° laminates stacked in sequence. The stress strain behavior of this type of
composite has been predicted (17). A bilinear stress strain curve is expected up to

rupture. Figures 11 and 12 show the stress strain and fracture behavior of this special

type of une polymer composite.
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The initial slope of the 0/90 composite modulus is the sum through the thickness
of the plane-stress stiffness of each layer. As the laminate is deformed, each ply
possesses the same in-plane strain and when the strain on the 90° layers reaches the
strain level at which ply failure occurs, the 90° layers crack and craze. Separation
and fracture of the matrix- fiber bond occurs for the 90° layers. Fo the 0/90° con
struction, the ratio of the ultimate failure stress to the crazina stress is 1.7. The failure
of the 90° layers in the laminate prevents the 90° layers from carryina their maximum
potential load. This load is transferred by the LDPE matrix to the 0° layers resulting
in a loss of laminate modulus. As shown in Figure 11, continual loading ultimately
produces failure of the composite when the strain capability of the 0° layers is exceeded
and/or the matrix fiber bond of the 0° layers is sheared. As shown in Fiqure 11,
there is a rapid drop in the load sustained by the composite and the films beain to pull
out of the matrix. The strain at which the stress is a maximum in Figure 11is ~ 0.1
which is comparable to the strain required to produce interfacial failure of the poly
ethylene composite as shown in Figure 3.

Fiqure 12 shows the fracture and crazing behavior of cross-ply laminates
with the ultradrawn HDPE film strips embedded in LDPE at * 6 degrees to the tensile
axis. 0 varied from 0 to 90°. -

In general, as the composites were deformed, crazing and stress whitening of 1
the film strips were observed just prior to fracture of the interfacial bond. From
Figure 12 it is noted that fracture occurs near one end of the dumbbell-shaped
specimen. Fracture occurred at the low strength part of the film strip. All films
were embedded with the low draw ratio section at one end of the dumbbell specimen.

The other end of the specimen contained the hiahest modulus HDPE. Extensive crazing

was observed just prior to fracture at the cross over points of each film oriented * 0

to the tensile axis.
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IV. CONCLUSIONS

1. High strength composites can be prepared usinb_o HDPE film strips and
fibers embedded in both low and high density linear polyethylene.

2.  The optimum temperature ranqe required for bonding a laterally unconstrained
HDPE fiber in LDPE is 130°C - 132°C. Below 130°C the bonding is mainly due to com
pressive shrinkage of the matrix surrounding the fiber. At temperatures above 130°C
the fiber is rapidly structurally reorganized with sianificant modulus reduction. This
optimum embeddina temperature for maximum interfacial strenqth should also apply to
HDPE as composite matrix, since the bonding properties are determined by the
annealing properties of the HDPE and the expansion coefficients of HDPE and LDPF,
used in determining TAy according to Equation 3, will be comparable.

3. The tensile modulus of the annealed HDPE fibers, which are composites
having an ideal gradient of morphology between fiber and matrix, obeys the law of
mixtures rule.

4. The interfacial shear strength of the bond between HDPE and LDPE is
7.5 MPa. The critical aspect ratio for the HDPE fibers embedded in the LDPE matrix
is 18, and this apparently suggests advantageous uses as short HDPE fiber reinforce
ment where interfacial strength controls the mode of deformation and fracture.

5. The tensile moduli of the uniaxial and continuous HDPE/LDPE composites
obeys the law of mixtures rule, Fquation 9,

6. The tensile strength of the HDPE/LDPE composites does not appear to
obey a simple law of mixtures, Equation 11. This is an indication that the interfacial

bonding may not be perfect (possibly due to incompatability between the HDPF and

LDPE), and that further direct methods of assessing the adhesion must be considered.
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7. High strength cross-ply laminates have been prepared with the mechanical
properties dependent on the angie 0 the HDPE thin films are embedded in the | DPF

matrix, according to the stress-strain relations of an othotropic composite .
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CAPTIONS FOR FICURES

Tensile modulus of annealed ultra-oriented HDPF fihers versus WF or VF’
the volume fraction of fiber.

IRVE the average interfacial shear strength of the polyethylene composite
bonding as a function of fiber embedding temperature. Embedded fiber
length is 1 cm.

Strain to fracture of the polyethyiene interfacial bonding as a function of
fiber embedding temperature. Embedded fiber length is Tcm.

NV the average interfacial shear strength of the polyethylene bonding as

a function of the embedded fiber length. Fiber embedding temperature is
130°C.

Dependence of the tensile modulus of a film strip on draw ratio (using a
wedge-shaped die with entrance width b = 0.8 cm, decreasing to an inset of
0.045 cm). L is the length of the extruded film strip.

Tensile modulus of the polyethylene composite as a function of film lenath at
which the modulus was measured. VF is the volume fraction of film strip.
Tensile modulus of the polyethylene composite as a function of VF' the

volume fraction of film strip, with film lenath, the length of the extrudate
where the modulus was measured, as the parametric variable.

Tensile strenath of the polyethylene composite as a function of VF' the volume
fraction of film strip. The solid line is a plot of Fquation 11 with Op 0.14 GPa

and o 7 MPa.

M




KA

Tensile modulus of the polyethylene cross ply laminate as a function of
1 0, the orientation of the film strips with respect to the tensile axis.
Dotted lines are plots of Fquation 13 with E” = 0.81 GPa, E22 0.15 GCPa,
¥ag 0.3 and 612 = 0.31 GPa, upper hound, ancd (“.12 0.25, lower bound
Tensile strength of the polyethylene composite as a function of + 6, the
orientation of the film strips with the tensile axis.

Stress-strain behavior of the 0/90 cross-ply laminate.

Fracture hehavior of the polyethylene composites.
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80 g Flgure 4

l l |
O 1.0 2.0 3.0

EMBEDDED FIBER LENGTH, c¢m

Ay the average interfacial shear strength of the polyethylene composite bonding
as a function of the embedded fiber length.




i Figure 5
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Dependence of tensile modulus of a film strip on draw ratio (using a wedge-
shaped die with entrance width b = 0.8 cm decreasing to a width of 0.045 cm,
L is the extruded film length.)




TENSILE MODULUS, GPa

20

w

o

Q.71
014
A
Iy
1 . i O
5 10 19

FILM LENGTH, cm

Tensile modulus of the polyethylene composite as a function of film length at

which the modulus was measured. VF is the volume fraction of film.




¢ Figure 7 1
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Tensile modulus of the polyethylene composite as a function of V_, the volume
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Tensile strength of the polyethylene composite as a function of VF' the volume
fraction of film.

E Figure 8
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Tensile modulus of the polyethylene crossply laminate as a function of 0, the

orientation of the film with respect to the tensile axis.
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FRACTURE BEHAVIOR OF THE POLYETHYLENE

COQMPOSITES

6=0

Fracture and crazing behavior of cross-ply laminates with
HDPE film strips embedded in LDPE at 6 degrees to the t
sile axis.

Fracture and crazing behavior of balanced

: and symmetrical
0 deg/90 deg, HDPE/LDPE laminate.
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